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Microstructural details and the effect of testing 
conditions on the fracture toughness of 
injection-moulded poly(phenylene-sulphide) 
composites 
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This paper deals with the microstructure-property relationships of particle toughened 
poly(phenylene-sulphide) (PPS) and of two short glass and carbon fibre reinforced PPS 
versions. The microstructural characterization of injection-moulded plaques was performed by 
the use of differential scanning calorimetry and scanning electron microscopy. Studies of the 
materials" fracture toughness using compact tension specimens, revealed a clear influence of 
the type of fibre reinforcement and of the external testing conditions, i.e. temperature, T, and 
loading rate, v. Failure mechanisms of the composite materials were analysed by fractographic 
studies in the SEM. The final presentation of the results was performed in terms of failure 
maps and fracture toughness-elastic modulus maps. The latter can be used by engineers or 
designers for a systematic material evaluation with respect to a certain property profile at 
defined external service conditions of T and v. 

1. I n t r o d u c t i o n  
Poly (p-phenylene sulphide) (PPS) is a versatile tem- 
perature and chemical resistant, inherently flame 
retardant semicrystalline engineering thermoplastic 
material. In spite of the fact that the first reports on 
the synthesis of PPS date back to the end of the last 
century [1, 2], which means PPS can be considered to 
be one of the oldest thermoplastic polymers, its com- 
mercialization by Phillips Petroleum Co. began rather 
late, i.e. in 1973 [3, 4]. For upgrading the moderate 
mechanical and, especially, the impact performance 
of the low molecular-weight PPS, curing was rec- 
ommended. The curing is, in reality, a thermal process 
performed either in the solid (175 to 280 ° C) or the 
melt phase (315 to 425 ° C) and mostly in an air 
environment, the effect of which is an increase in 
molecular weight (melt viscosity) and a change in 
crystallinity. During the curing treatment rather 
complex chemical reactions occur simultaneously, 
such as chain extension, oxidative and thermal cross- 
linking, oxygen uptake, as demonstrated on PPS and 
its model compounds [5-8]. Recently, a new curing 
method in inert atmosphere by sulphur was reported 
to increase effectively the otherwise moderate impact 
resistance of PPS [9]. Upgrading of the mechanical 
properties is mostly studied as a function of the curing 
time and temperature [9, 10]. PPS is very sensitive 
to the processing parameters changing its thermal 
and, especially, crystallization behaviour [3, 4, 11], 
and several fundamental works on the crystallization 
kinetics of PPS have been published [12, 13]. 

The recent interest for PPS may be explained mostly 
by two reasons: 

1. PPS is considered to be a proper candidate for 
replacing the conventional thermosetting resin matrices 
in composites, because one expects from its use easier 
processing methods of parts with more complicated 
shapes and a recyclability of lightweight advanced 
composities; 

2. the electrical and thermal properties of PPS are 
very attractive for use in the electronic (wire coating) 
and micro-electronic industry (chip panel, encap- 
sulation, integrated circuits etc.) 
It is surprising, however, that on the first topic only 
a few works were published, some of them treating 
the structure-property relationships of short fibre 
reinforced PPS composites. These works yield infor- 
mation about the microstructure-fracture toughness 
relationships [14], lifetime measurements in corrosive 
media based on the fracture mechanics concept [15, 16] 
(stress corrosion crack propagation test), and mor- 
phological changes during curing [17]. To date no 
information is available on the change of the fracture 
toughness as a function of temperature, strain rate 
and solid-phase curing causing morphological alter- 
ations. These functions are, on the other hand, of 
basic importance since PPS, being a temperature- 
resistant thermoplastic, is often used at high service 
temperatures, at which solid phase curing, thermal 
ageing or annealing may alter the microstructure 
of the composite. A study on the strain rate effects 
as a function of temperature would yield valuable 
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information about the impact characteristics of the 
composite. 

The aim of the present paper is to contribute to the 
fracture mechanical characterization of PPS and its 
short glass (GF) and carbon fibre (CF) reinforced 
composites by investigating temperature, strain rate 
and annealing (curing) effects. 

2. Experimental details 
2.1. Materials 
The materials investigated are based on Ryton PPS of 
Phillips Petroleum Co. Bartlesville, Oklahoma, USA. 
It was a first-generation low molecular weight grade 
since its composition was analysed as follows: C 66%, 
H 4.4%, S 27.2% and C1 0.9%. Supposing that the 
chlorine was present only as endgroups, a chain of 
70 to 100 units would give a reasonable agreement 
with the above results. The so-calculated Mn = 
(0.8 to I) x 104g, is lower than the generally sup- 
posed ones (1.5 x 104g [13], 1.7 x 104g [3]). The 
PPS was compounded and injection-moulded to 
rectangular plaques of about 6 mm thickness by LNP 
Engineering Plastics Inc., Malvern, Pennsylvania, 
USA. In addition to the neat polymer matrix material, 
two short fibre reinforced versions (30wt % glass 
fibres GF; 30 wt % carbon fibres CF) were tested. 

2.2. Microstructural characterization 
The layer structure of the neat matrix and that of the 
matrices in the composites were characterized by 
means of differential scanning calorimetric (DSC) 
investigations. The DSC traces in various sections 
across the plaque thickness were recorded by a Heraeus 
DTA 500 modul connected to a TA 500S device with 
a heating range of 20°Cmin -1. Heat effects were 
calibrated by the heat of fusion of ultrapure lead and 
tin. 

The microstructure of the injection-moulded com- 
posite plaques was described in terms of a natural 
laminate, consisting of two skin (S) and one core (C) 
layers of different thickness, and by the average fibre 
orientation factor, fp, in these regions (fos and fp¢, 
respectively). Fibre orientation was visualized on 
metallographically polished samples by high contrast 
imaging in the scanning electron microscope (SEM). 
Prior to SEM, the polished samples were gold sputtered 
in order to avoid electrical charging. 

The average fibre orientation factor (fp) was cal- 
culated using Equations l a and b 

fp = 2(cos2(p) - 1 (la) 

Y'. N(q)i) cos2(~oi) 
(COS2 q ) ) =  i (lb) 

i 

where qh is the angle between the individual fibres and 
the mould flow direction (MFD) and N(q)~) is the 
number of fibres under a certain angle q~. Additionally, 
the fibre length distribution was determined by means 
of light microscopy (LM), after burning off the matrix 
at about 700 ° C. 

Values of the specimen density, obtained by weight- 
ing the samples hydrostatically, were used to calculate 

the reinforcing fibre volume fraction (VF), according 
to Equation 2 

VF - -  Qc - -  ~OM (2 )  

~F -- ~M 

where ~o~, ~M and gv are the densities of the composite, 
matrix and fibre, respectively. 

2.3. Thermal t reatments  
Annealing (solid-phase curing) of some specimens 
was performed at 230°C for 8 h in a circulating air 
thermostatic chamber. The annealing effects were 
followed by differential scanning calorimetry (DSC), 
infrared spectroscopy and a thermomechanical ana- 
lyser (TMA). The infrared spectra were registered by 
a Perkin-Elmer device with the KBr technique using 
a fine scrap of the matrix and its composites. Thermo- 
mechanical curves were taken using a Heraeus 
TMA500 apparatus. 

2.4. Fracture toughness measurements 
CT specimens cut from the plaques were notched 
perpendicular to the MFD (T-notch, see Fig. 1). The 
initial notch was sharpened with a razor blade prior to 
the static loading experiments, which were performed 
on a Zwick 1445 type testing machine. Testing was 
carried our at different crosshead speeds (v) (10 °, 10 l, 
102 and 103 mm rain 1). The test temperature (T) varied 
in a broad range (from - 60 up to + 180 ° C), and was 
set by the use of a thermostatic chamber. The calcu- 
lation of the fracture toughness (K~) was performed 
according to Equation 3 

Fc a]/2 f(ai/W) (3) Kc - BW 

where Fo is the maximum load or the intercept of the 
95% slope with the load~tisplacement curve, according 
to the ASTM E 399 standard, the latter evaluation 
was used only for specimens fractured at 180 ° C; B is 
specimen thickness (~6.4mm); W is the specimen 
width (29 ram); ai the actual crack length; f(ai/W) is 
the shape factor, as calculated from 

f(ai/W) = 2 9 . 6 - 1 8 5 . 5 ( - - ~ ) +  655.7(--~) z 

--1017(W)3 + 638.9(--~) 4 (4) 

2.5. Fractography 
The crack propagation path was visualized on micro- 
photographs taken either at direct illumination by a 
Polyvar light microscope, or on scanning electron 
micrographs (Leitz SEM 1600T). The failure mode of 
the broken CT specimens was also studied by SEM. 
Prior to these SEM observations, the surfaces were 
coated with a thin gold layer, using a Leitz Sputtering 
Chamber, type 166. 

3. Results and discussion 
3.1. Microstructural details of the materials 

investigated 
3, 1.1. M o r p h o l o g y  o f  the PPS matrices 
Evidence of the layered structure of the matrix in the 
composites was obtained from DSC traces taken from 
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Figure 1 Specimen machining and geometry of the CT-specimen used. 
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various depths across the thickness of the injection 
moulded plaque. The as-moulded GF-PPS sample 
shows a three-layered matrix structure while that 
of  the CF-reinforced composite shows a two-layer 
matrix structure (cf. curves la, lb, and l c in Figs 2 
and 3). After annealing, the matrix in both systems 
exhibits a two-layer structure (cf. curves 2a and 2c in 
Figs 2 and 3). 

In both composites the DSC traces of  the surface 
layers (la) indicate a fully amorphous region, since 
the glass transition (Tg) at T = ~ 9 0 ° C  and the 
recrystallization exotherm at T = ~ 120°C are clearly 
perceptible. This means, that for the injection-moulding 
of  the samples, the cold-mould process was used by 
the processor [4]. The Tg in these curves shows a 
characteristic enthalpy relaxation lacking in the inner 
regions (lb,  lc) which is linked to the free volume 
changes. The GF-reinforced composite shows two 
other peculiarities compared to the CF-PPS system. 
One is a small endothermic peak or a shoulder at 
T = ,-~ 160 ° C, while the other is a new recrystalliz- 
ation exotherm at T = ~ 245 ° C. Both can be attri- 
buted to the fact that the GF-PPS proved to be an 
impact-modified grade, based on scanning electron 
micrographs taken from the fracture surface (Fig. 4). 

From the peak at T = 160°C it can be assumed 
that the impact modifier used is probably a modified 
polypropylene. The recrystallization exotherm at 
T = ~ 245 ° C, being present in both the shear (b) and 
core (c) region of  the matrix may be explained by the 
variation in elasticity of  the PPS melt caused by the 
impact modifier and its good adhesion to the PPS 
matrix. It is rather accepted that in change elasticity of 
the melt due to the presence of toughening particles 
less stiff than the polymer matrix may cause a big 
change in the layered structure of  the blend [18, 19]. In 
our case this effect should be highly pronounced since 
the matrix is a very low molecular weight (Mn) polymer. 

The micrographs in Fig. 4 also indicate a good 

adhesion between the modifier particles and the matrix. 
This is generally achieved by a grafted modifier, the 
grafted segments of which can penetrate into the 
surrounding polymer matrix thus yielding a locally 
"stretched" state of the matrix around the particles. 
Supposing such an effect exists, a reasonable expla- 
nation is given as to why the matrix is found in a 
frozen stress state hindering the crystallization up to a 
temperature range close to the melt temperature of the 
PPS-matrix (Tin = 270 ° C). 

The differences between GF-PPS and CF-PPS 
almost disappear after annealing the samples at 230 ° C 
for 8h. Instead, both materials exhibit a double 
melting characteristic (Figs 2 and 3). The first pre- 
melting peak at T = ,-~ 245 ° C, i.e. near to the anneal- 
ing temperature, is followed by the main melting at 
T = ~ 270 ° C. The premelting is more characteristic 
for the skin and shear layer than for the core (cf. 
Table I). Double melting for PPS was first reported 
based on DTA results [7] probably caused by the 
thermal process during preparation. The melting peak 
at T = ~ 270 ° C for both the as-moulded and annealed 
samples is smaller than the reported one (Tm = 285 ° C 
[3, 20], Tm = 295°C [21]) which may be explained 
here by the presence of smaller PPS crystallites, due to 
the nucleating effect of  the reinforcing fibres [17]. 

The increased density of the PPS matrix in the neat 
and reinforced samples, as well as the increase of the 
heat of  fusion (cf. Table I), can be attributed to the 
perfection of  the crystallites during annealing [22, 23]. 
This is contrary to the finding of  Brady [4] who 
emphasized that annealing conducted below Tm has no 
or little effect on the crystallinity of PPS. Our results 
are also in contradiction with the conclusion of Zeng 
and Ho [17] who claimed that a solid-state annealing 
yields a lower degree of crystallinity. Accepting 
80 J g-l  for the melt enthalpy of the  100% crystalline 
PPS (recently proposed by Lovinger e t  al.  [13]), a 
relative increase in crystallinity of 45 to 87% could be 

949 



1 

(Q) ~0  200 250 300 

T 

100 
. T[oCl 

/ 

/ 

[ PPS Matrix ] 
1 os-received 
2 anneoled 

MFD 

i 
~BI20 t ~BI4 

m 
X 

÷b 

1 1 c  

J PPS+30%GF J 
as-received 

_MFD 

j l b  J l a  

~BI5 ~B/20 

2c 
2 o+b 

annealed 

c lSl2 
a.b p S ;  

( b ) ~00 tSO 200 250 300 
• T[oC] 

Figure 2 (a) DSC traces from various depth of the thickness (B) of the as-moulded (l) and annealed (2) PPS matrix. (b) DSC traces from 
various depth of the thickness (B) of the as-moulded (1) and annealed (2) GF-reinforced PPS illustrating the matrix layer structure. 

detected from the DSC thermograms of the neat 
and reinforced PPS samples, when comparing the 
as-moulded and annealed conditions. Since the recrys- 
tallization exotherm at T = ~ 2 4 5 ° C  overlapped 
that of  the melting endotherm at T = ~ 270 ° C, the 
crystalline proport ion was calculated from the crystal- 
lization exotherm, registered in the cooling regime of 

the previously melted samples. The overlapping DSC 
peaks were resolved by a trial and error curve fitting 
method for quantifying the heat effects. It  should be 
noted here that the crystallinity values calculated from 
density measurements using 1.43 and 1.32 g cm -3 crys- 
tallographic densities for the fully crystalline and 
amorphous PPS, respectively [21], are much lower 
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Figure 3 DSC traces from various depth of  the thickness (B) o f  the as-moulded (l)  and annealed (2) CF-reinforced PPS illustrating the matrix 
layer structure. 

T A B L E  I Microstructural characterization of  the matrix in the neat  and reinforced injection-moulded PPS samples (all enthalpy 
values are related to the neat  matrix) 

Morphology,  thermal property Neat  PPS* Reinforced PPS 

As-moulded Annealed 30% GF* 30% CF  

As-moulded Annealed As-moulded Annealed 

skin, a (mm) ~ B/20 
shear zone, b (mm) ~ B/4 

Recrystallization enthalpy, AHr¢ (J g -  ~ ) 
at T = 120°C in the a zone 16 
at T = 245°C in the a zone 9 

Melt enthalpy, AH m ( j g - t ) :  
at T = 275°C in the a zone 21 

Ratio of  AHr~ at T = 245°C 
to AH m at T = 275°C (%) 

in the b region 40-50 
in the c region 4 0 4 5  

Overall melt enthalpy, &HINT (J g - l )  
of  the annealed samples 

Part of  the premelting at 
T = ~245  °C to that  of  AHmr (%) 
in the a ( +  b) region 
in the c region 

Average crystallization en~a l py  
(AH¢) during cooling (Jg l) 28 
DSC crystallinity from the AH¢ 
and AHmT values, respectively (%) 35 
Measured density (gcm -3) 1.32 

B/20 

- 11 13 

- 1 0  - - 

- 21  3 0  

5 5 ~ 0  
45-50 

41 - 46 

20-22 20-25 
12-15 - 10-13 

25 29 

51 31 58 36 
1 . 3 6  1 . 5 4  1 . 5 7  1 . 4 3  

~B/so 

51 

20-25 
13-16 

64 
1 . 4 5  

*Impact  modified matrix. 
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Figure 4 SEM micrographs on the fracture surface of the impact modified PPS matrix (a) and GF-reinforced PPS composite (b). 

than the DSC crystallinities. But this is due to the fact 
that the materials contained various internal voids 
(which are seen in the micrograph of Fig. 5). 

The question, whether the matrix became crosslinked 
or not during heat treatment could be answered by the 
use of a TMA device. The TMA spectra, which are 
sensitive to the molecular weight alteration [10, 24], 
indicated no change in the melt viscosity because the 

slope of the curves in the melt range was the same 
before and after annealing. The main argument, how- 
ever, that no crosslinking occurred originated from 
the infrared spectra. These did not show any increases 
in the characteristic vibration for the trisubstituted 
(860 cm-L) benzene rings. Also, no changes in inten- 
sity or shifts in the umbrella vibration of the p- 
disubstituted benzene ring (810 cm -~) were observed. 

Figure 5 Composed SEM micro- 
graph of the reinforcement layer 
structure of the GF-PPS com- 
posite in the z-(x, y) and y-x 
planes in the skin (S) and core 
(C) regions, respectively. 

952 



T A B L E  II  Microstructure of  the PPS composites (thickness 
B = ~ 6 .4mm) 

Parameter,  property PPS + 30% G F  PPS + 30% CF  

Layer structure: 
2S/B 0.31 0.35 
C/B 0.69 0.65 

Fibre orientation: 
f~,s 0.52 0.66 

fP,c - 0.92 -- 0.94 

Fibre characteristics: 
Average fibre length (#m) 180 100 
Aspect ratio 18-20 10-13 
Fibre volume fraction* 18.5 22.8 
(vol %) 

*Supposing an average density of  1.35 g c m  -3, found for semicrys- 
talline PPS and 2.55 and 1.96 g cm-3 for the GF  and CF, respectively. 

3. 1.2. Arrangement of fibres in the 
composites 

An example of the fibre orientation distribution across 
the plaque thickness of GF-PPS is represented in Fig. 5. 
Roughly, a natural laminate consisting of three major 
layers of  different fibre orientation can be identified. 
In the two surface layers (S) fibres are oriented prefer- 
rably parallel to the mould fill direction (MFD) 
whereas the opposite is observed for the core layer (C). 
The absolute value of  the average fibre orientation 
factor in the core (fp,c) was much higher than that of  
the skin 0Cp.s) (Table II). This is different from the 
trend often observed for injection-moulded plaques of  
about 3 mm thickness, in which the absolutefp values 
are almost the same, but with an opposite sign for the 
S and C regions, respectively [14]. In the present case, 
the plaque thickness of B = ,-~ 6 mm results in ratios 
of  C/B greater than 2S/B, which probably allows a 
stronger elongational flow, resulting in a high fibre 
orientation perpendicular to the M F D  in the mid 
region [25]. The more parallel alignment of  the carbon 
compared to the glass fibres in the S-zone, may 
probably be attributed to both the more viscous nature 
of the unmodified PPS melt and the fact that the 
lighter carbon fibres are tilted more easily to the M F D  
by the shear field in the skin region. An additional 
effect might arise from the narrower fibre length distri- 
bution in the CF-PPS material, in which at the same 
time, the average fibre length is somewhat smaller 
than in case of  the GF reinforcement (Fig. 6). 

The fibre volume fraction (VF) calculated from the 
measured densities (Table I) by Equation 2 is also 
smaller than that reported in Table II because of the 
internal voids of the matrix. 

3.2. Stiffness and fracture toughness as a 
function of external testing conditions 

From the load-displacement curves registered during 
loading of the CT-specimens, the initial slope (Ei,, 
N m - l ) ,  and the area under the curve up to F¢(Ac, 
N m) were read and calculated. E~n is an indirect 
measure for the "elastic modulus" of the material (E), 
F~ correlates with the material's "fracture toughness" 
(K¢), and A¢ can be treated as the "work of  failure 
initiation" (W), as long as both the CT-specimen 
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Figure 6 Fibre length distribution in the as-moulded PPS com- 
posites. ( ) 30% GF-PPS, ( - - - )  30% CF-PPS. 

geometry and the razor notch extension remain 
constant [26]. 

For  the neat PPS-matrix material, Ein and Kc have 
been measured over a wide range of temperatures at a 
crosshead speed of v = 10 ° mm min 1. The results are 
illustrated in Fig. 7. While the "modulus" Ein showed 
a clear drop when exceeding the glass transition tem- 
perature at around 90 ° C, this effect was not measurable 
for the fracture toughness Kc. Its values increased in 
a nearly linear manner from 0.65 M P a m  m at T = 
- 6 0 ° C  up to about 1 .05MPam 1/2 at T = 180°C. 

The trend of Eia with T, shown for the PPS-matrix 
in Fig. 7, is also reflected in case of  the two short fibre 
reinforced PPS versions (Figs 8a and b). Of course, the 
absolute values of gin are higher for the composites 
relative to those of  the unreinforced PPS-material. A 
carbon fibre was a little superior to a glass fibre 
reinforcement in this respect. For  both material 
groups and at each temperature level, the values of gin 
increase only slightly with the testing velocity applied 
(at least in the range between 10 ° to 103mmmin-l) .  

This fact is, however, not true for the measured frac- 
ture toughness data of the composites (Figs 9a and b). 
At higher testing velocities, in particular, a clear 
reduction in K~ is detected. As an example, this is 
shown in the form of a K~ against log v diagram for 
the room-temperature testing conditions in Fig. 9c. 
The other differences found in Figs 9a and b relative 
to the K~-T curve of the unreinforced PPS-matrix 
(Fig. 7) are more irregularly shaped curves with a 
preferred tendency towards decreasing K~ with increas- 
ing T. Both observations can be attributed to the fact 
that the fracture toughness of the fibre reinforced 
polymers is not only determined by the failure behav- 
iour of the polymer matrix but also, more or less, by 
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Figure 7 El, , against T and K¢ 
against T curves for (v) the PPS 
matrix at v = 10 ° mm rain- ~, and 
the T-crack. 

those mechanisms of energy absorption introduced by 
the different types of fibres. 

Strictly speaking, a direct comparison between the 
unreinforced and reinforced versions may be performed 
only for the glass reinforced PPS, because in this case 
the matrix is of the same, impact-modified type as the 
unreinforced material itself (not valid for the CF-PPS 

composite). In normalized form, this is demonstrated 
in Figs 10a and b for the elastic modulus (E*) and the 
fracture toughness (K*), respectively. While the 
modulus of the composite at each temperature level is 
always higher by a factor of about 2 than that of the 
matrix polymer (Fig. 10a), this constant difference 
factor is not observed for the fracture toughnesses. 
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Figure 8 (a) Ein against (7', v) 
curves for the 30% GF-reinforced 
PPS composite. T-crack; v = (O) 
10 °, (zx) l0 t , (rq) 102, (O) 
103mmmin ~. (b) Ei, against 
(T, v) curves for the 30% CF- 
reinforced PPS composite T- 
crack; v = (O) l0 °, (A) l0 ~, ( I )  
102, ( , )  103 mm min -t .  
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Figure 9 (a) K~ against (T, v) curves for the 30% GF-reinforced PPS 
composite. T-crack; v = (O) I0 °, (zx) 101, (C]) 102, ( ~ )  103mm min -1. 
(b) K¢ against (T, v) curves for the 30% CF-reinforced PPS com- 
posite. T-crack; v = (O) 10 °, (A) 10 l, (11) 102, ( 0 )  103mmmin 1. 
(c) Ko against v curves at T = R T  for the as-received GF- and 
CF-reinforced PPS, respectively. T-crack. 

Instead, a bigger difference is found at very low 
temperatures, which then reduces permanently with 
increasing T (Fig. 10b). Calculating from both data 
sets a fictive fracture energy value, according to 

G* = K * 2 / E  * (5) 

a diverging trend between the fibre composite material 
and the unreinforced polymer with decreasing tem- 
perature becomes even more evident (Fig. 11 a). This 
trend is also reflected in the measured values of the 
"work of failure initiation", W*, although it occurs in 
a less pronounced form due to the missing part of 
deformation and crack propagation energy after 
exceeding F~ (Fig. 1 lb). Anyway, from both results it 
can be concluded that the ability of fibres to cause 
special mechanisms of energy absorption is absolutely 
highest when the surrounding matrix is in a relatively 
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Figure 10 (a) Normalized elastic 
modulus  (E*) against T curves 
at v = 10°mmmin  i for (v)  the 
neat and (O) 30% GF-reinforced 
PPS. The standardization value: 
(Ei.,~.)wr,100 = 4.6 x 105Nm -1. 
(b) Normalized fracture toughness 
(K*) against T curves at v = 
100mmmin i for the (v)  neat 
and (o) 30% GF-reinforced 
PPS. The standardization value: 

(gc,m)RTj00 = 0.8MPaml/2).  T- 
crack. 

brittle condition. For PPS, the latter situation is highly 
pronounced for temperatures below T = 90°C (-~ Tg), 
even when very low testing velocities are applied (v = 
10° mmmin-~).  

From the designer's point of view it is often of 
special interest how toughness and modulus of a given 
material in a reference condition change simultaneously 
with external testing parameters. A special way to 
present this information is the construction of fracture 
toughness maps (Figs 12 and 13). In these maps the 
fracture toughness is plotted against the elastic modu- 
lus of  the material, and the different graphs illustrate 
the changes in both values with temperature (fully 
drawn lines) or deformation rate (dashed lines). If the 
values are normalized to any reference condition this 
type of  presentation can easily be used by the designer 
to find the service restricting parameters of T and v 
relative to the standard situation. In the present case 
K** is the fracture toughness of the individual com- 
posites normalized to their value at T = R T  and v = 
10~mmmin ~. The same reference condition was 
chosen for E**. This means at all values above and on 
the right-hand side of  the 100% field the material 
proves to be better than when being tested under 
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standard conditions. For  all external data pairs lying 
within the 80% field, at least 80% of  the mechanical 
standard requirements are fulfilled. 

3.3. Failure m e c h a n i s m s  
Analysing crack paths on polished sides of compact 
tension specimens as well as fracture surfaces of the 
broken CT-samples in the SEM leads to the conclusion 
that three major failure mechanisms dominate the 
fracture processes: 

1. ductile matrix yielding or brittle matrix fracture; 
2. pull-out of fibres, more or less perpendicularly 

oriented to the crack front; 
3. fibre/matrix separation of  fibres aligned more 

parallel to the fracture plane. 
Features of fibre fracture can only occasionally be 

identified. Schematically, the different breakdown 
mechanisms are illustrated in the centre of Fig. 14. 
The surrounding fractographic photos, taken from 
the crack paths (Figs 14a and b) and from the fracture 
surfaces (Figs 14c and d), respectively, verify the 
individual failure mechanisms for a selection of dif- 
ferent materials and testing conditions. It must be 
noted, though, that the actual contribution of each of  
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Figure 11 (a) G* against Tcurves 
at v = 10°mmmin-1 for the (v) 
neat and (o) 30% GF-reinforced 
PPS. T-crack, (b) W* against T 
curves at v = 10°mmmin -1 for 
(v) the neat and (o) 30% GF- 
reinforced PPS. T-crack. The stan- 
dardization value (W~)RT,, @ = 
0.08 J. 

these mechanisms is influenced by the types of  fibre 
reinforcement and matrix modification, by the crack 
direction (transverse (T) or longitudinal (L) to MFD; 
only T-cracks are considered), and by the testing tem- 
perature (T) and crosshead speed (v). 

The effects of the latter parameters on the domi- 
nating failure mechanisms can be shown in the form of 
failure maps for each particular material. A typical 
example is given in Fig. 15 for the glass fibre-PPS 
composite. The T against v area can be subdivided 
mainly into three major portions, A, B and C. In 
region A, failure of the particle-toughened PPS-matrix 
used in this composite takes place in a ductile manner. 
It seems that the matrix separates easily from the 
fibres, even in regions where fibres are oriented per- 
pendicular to the crack front. Subsequently, the 
polymer is torn apart after some minor amount  of 
ductile yielding. The fractographic pictures also give 
the impression that this kind of  matrix yielding is 
preferrably induced at or near fibre ends. Thus, fibre 
pull-out can only occur along relatively short fibre 
stumps, and the frictional coefficients during pull-out 
should be low due to the softened matrix material. In 
this way, the major contribution to the absorbed energy 

during the breakdown of  the composites should be 
based on the plastic deformation of the matrix material. 
In fact, the fracture energies of the unreinforced and 
reinforced PPS-samples come very close in this range 
of testing conditions (see Fig. 1 la). 

Reducing the temperature below the glass transition 
region of  the polymer leads to an embrittlement of the 
matrix. Under relatively low crack opening rates, 
brittle fracture can develop rather slowly, starting 
from and staying mainly in the plane of  the initial 
notch (region B). In this way, an enhanced contribution 
of fibre pull-out over a longer fibre distance can take 
place. The specific debonding and frictional forces 
should also be higher than in region A because of a 
higher matrix stiffness and higher shrinkage stresses of 
the matrix on to the fibres. The relative improvement 
of  the G* values of  the polymer by fibre reinforcement 
can be therefore mainly attributed to the fibre induced 
energy absorbing mechanisms. 

A third region, C, can be identified in the failure 
map mainly for the range of higher crosshead speeds. 
Here, the spontaneous loading of the samples obviously 
induces stress concentrations at fibre ends which are 
high enough to cause multiple brittle matrix cracking. 
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Figure 12 Fracture  m a p  (K** against E** curves at different tem- 
peratures and crosshead speeds) for the 30% GF-reinforced PPS. 
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Figure 13 K** against E** curves at different temperatures and 
crosshead speeds for the 30% CF-reinforced PPS, T-crack. The 
standardizat ion values: (K~,~)Rr:W = 3 , 7 5 M P a m  1/2 (Ein.0Rz:01 = 
1,07 x 106Nm -I .  

Figure 14 Schematic failure mechanisms for the example of  C F  reinforced PPS. Testing conditions: (a) T = - 6 0  ° C; v = 10 L m m  m i n - ;  
(b) T = 180°C; v = 1 0 ° m m m i n - t ;  (c) T = - 6 0 ° C ;  v = 1 0 ° m m m i n - t ;  (d) T = - 6 0 ° C ;  v = 103mmmin ~. 
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Figure 15 Failure map  for the GF-reinforced PPS composite. 

The latter events seem to occur simultaneously to the 
fracture starting from the initial notch, and results in 
a fracture surface containing many pieces of matrix 
material broken in a brittle manner. On the one hand, 
such a multiple matrix fracture should be more favour- 
able than a one-plane brittle fracture with respect to 
higher fracture energy of the polymer. On the other 
hand, this trend prevents the possibility of fibre pull- 
out, a mechanism of high energy absorption. Thus, the 
fracture energies of the composites should be clearly 
lower than those measured in the region of lower 
testing velocities. This transition should be the more 
pronounced, the lower is the ambient temperature. 

For a final comparison, the three principle break- 
down processes of the composites within the three 
different regions of the failure map in Fig. 15 (A, B, C) 
are schematically illustrated in Fig. 16. For further 
evidence, typical fracture surface photographs of 
samples broken under particular testing conditions 
are added. 

With respect to the carbon fibre-PPS composite, 
similar descriptions of the failure behaviour as given 
in Fig. 15 can also be performed here. There are, 
however, some clear shifts in the positions of the 
borderlines between the individual zones A, B and C 

(A-B upwards, B-C to the left). These are due to the 
fact that the matrix used in this composite behaves 
more brittlely because of the missing toughening 
particles. An example of the differences in the matrix 
behaviour is shown in Fig. 17 for CF-PPS at a testing 
condition of T = 180°C and v = 10°mmmin -1. In 
comparison to the rather ductile matrix failure found 
for the particle-toughened GF-PPS composites at 
T = 180°C, even at v = 102mmmin -1 (Fig. 16a), 
the matrix of the CF-PPS in Fig. 17 exhibits a clearly 
brittle appearance. 

3.4. A n n e a l i n g  ef fects  on st i f fness and  
t o u g h n e s s  

Finally it should be mentioned that the mechanisms 
described are, in principle, also valid for the annealed 
materials. Their slightly higher values of both fracture 
toughness and elastic modulus at the various testing 
conditions (Table III) may be explained by two facts: 

1. the higher degree of crystallinity (cf. Table I) and 
corresponding strength of the polymer matrix; and 

2. stronger mechanical shrinkage stresses of the 
more crystalline polymer matrix, causing enhanced 
debonding forces prior to fibre pull-out. 

This unexpected feature of annealing that the 
thermal treatment improves both the stiffness and the 
toughness of the PPS composites has also been estab- 
lished by Zeng and Ho [17]. The effect is rather 
controversial to the general findings relating to semi- 
crystalline thermoplastics, where stiffness is increased 
at the cost of toughness during annealing. 

4. Conclusions 
The findings of the present study on the microstruc- 
ture-fracture toughness (Kc) relationship of injection- 
moulded unfilled and short GF- and CF-reinforced 
PPS composites can be summarized in the following 
form: 

1. Microstructure. The matrix layer structure 
indicated by DSC thermograms for both the unfilled 
and reinforced PPS versions depends highly on the 
processing conditions as well as on the charactristics 
of the impact modifier eventually used. Annealing 
does not cause any curing of the PPS, but results in a 
higher matrix crystallinity and a simplified layer struc- 
ture pattern. 

2. Fracture and failure. The stiffness of both the 
unfilled and reinforced PPS composites shows a drop 

T A B L E  I I I  Compar ison of the normalized fracture toughness (K**) and E-modulus  (E**) of  the as-moulded and annealed PPS 
composites (for the standardization values at v = 101 m m m i n  -1 and T = RT, cf. Figs 12 and 13, respectively) 

Temperature Crosshead speed PPS + 30% GF  

T (o C) (mm m i n -  ] ) As-moulded 

PPS + 30% CF 

Annealed As-moulded Annealed 

K** E** K** E** K** E** K** E** 

RT 

180 

10 ° 0.95 0.97 
l01 1 I 
102 0.63 1.07 
103 0.2 1.15 

I0 ° 0.58 0.35 
101 0.60 0.38 
102 0.53 0.43 
103 0.18 0.45 

1.08 0.98 0.88 0.91 1.22 0.95 
1.03 0.98 1 1 1.17 1.05 
0.95 1.06 0.69 1.03 0.80 1.05 
0.15 1.11 0.16 1.10 0.11 1.12 

0.85 0.40 0.43 0.36 0.59 0.39 
0.88 0.40 0.40 0.38 0.48 0.41 
0.58 0.42 0.51 0.41 0.51 0.43 
0.18 0.45 0.11 0.47 0.13 0.47 
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Figure 16 (a) Schematic failure modes proposed for the short fibre reinforced PPS composites. (b) Failure modes observed for the 
GF-reinforced as-moulded composite. Testing conditions: (A)T = 180 ° C; v = 102 mm rain-~ ; (B) T = - 60 ° C; v = I0 °mm rain-~ ; (C) 
T = -60°C; v = 103mmmin -L. 

Figure 17 SEM micrograph on the fracture surface of the CF- 
reinforced PPS composite. Testing conditions: T = 180°C, v = 
10 ° mm rain- ~. 
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at  T = Tg ( =  90 ° C) and  its value prac t ica l ly  does no t  
change with c rosshead  speed. The  f rac ture  toughness  
o f  the unfilled PPS lies in the range 0.5 to 1 M P a m  ~/2 
unaffected by the testing condit ions.  Its value increases 
by a fac tor  o f  3 to 4 be low T = Tg in the case o f  low 
c rosshead  speeds (v = 10 ° to 101mmmin  -~) and  o f  
abou t  2 at  v = 102mmmin  ~ for  bo th  the 30% fibre 
con ta in ing  composi tes .  Passing T = Tg, the K~ value 
o f  the compos i tes  stabil izes at  a b o u t  twice tha t  o f  the 
unfilled mat r ix  at  T = 180°C. At  higher  c rosshead  
speeds, Kc does no t  significantly change  with  tem- 
pe ra tu re  in a b r o a d  range.  The  curve o f  the ca lcula ted  
f racture  energy as a funct ion  o f  t empera tu re  agrees 
well with that  o f  the evaluated work  o f  failure init iation.  
Fai lure  of  the matr ix  in the composi tes  occurs ducti lely 
at  T > Tg, bu t  bri t t le ly be low T = Tg, in bo th  
cases associa ted  with fibre debond ing  and  pu l l -ou t  



mechanisms. At higher crosshead speeds and below 
the frequency-dependent Tg, brittle multiple matrix 
cracking with brittle matrix/fibre separation was seen. 
Annealing simultaneously upgrades both the tough- 
ness and stiffness of the PPS composites. 
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